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Enhanced dislocation processes can accompany decohesion mechanisms dur­
ing hydrogen degradation of ductile structural metals. However, hydrogen­
deformation interactions and the role of defects in degradation processes re­
main poorly understood. In the current study, nanoindentation within 
specifically oriented grains in as-received, hydrogen-charged, aged, and 
hydrogen re-charged conditions revealed a "hysteresis" of indentation modu­
lus, while the indentation hardness varied minimally. Thermal pre-charging 
with approximately 2000 appm hydrogen decreases the indentation modulus 
by ~ 20%, aging leads to a slight recovery, but re-charging drives the modulus 
back down to values similar to those measured in the hydrogen-charged 
condition. This "hysteresis" indicates that dissolved interstitial hydrogen is 
not solely responsible for mechanical property alterations; hydrogen trapped 
at defects also contributes to elastic property variation. 

INTRODUCTION 

Degradation of structural metals exposed to hydro­
gen has been linked to decreased ductility and 
fracture toughness. Extensive research has resulted 
in a number of proposed degradation mechanisms 
focusing on different aspects of hydrogen-material 
interactions, such as hydrogen absorption, 1 hydride 
formation,2 plasticity effects,3 and atomic bonding 
effects .4 Of these, there are two widely accepted 
mechanisms attributed to hydrogen degradation in 
metals containing internal hydrogen that do not 
readily form hydrides. The hydrogen-enhanced local­
ized plasticity (HELP) mechanism suggests that 
solute hydrogen atmospheres along the elastic strain 
field of a dislocation interact with those of neighbor­
ing dislocations, reducing the repulsive force between 
them and enhancing dislocation mobility.3 •

5 In this 
way, hydrogen-dislocation interactions lead to local­
ized plasticity in regions of high hydrogen concen­
tration and ultimately cause macroscopic brittle 
fracture via locally ductile processes. 3 ·

5 

In contrast, observations of low-ductility fracture, 
occurring without significant plasticity in hydrogen­
exposed non-hydride-forming systems4

•
6

•
7 led to the 
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establishment of the hydrogen-enhanced decohesion 
(REDE) mechanism. REDE assumes that dissolved 
hydrogen weakens interatomic bonds at grain 
boundaries or other interfaces, and therefore lowers 
the cohesive energy

6 
resulting in brittle failure at 

low applied stresses ·7 and increased intergranular 
fracture in some systems.8 •

9 

Additionall6, recent investigations, such as those 
by N agumo, 1 point to the importance of vacancies 
in degradation processes. The hydrogen-enhanced 
strain-induced vacancy (HESIV) theory suggests 
that hydrogen enhances vacancy formation and 
agglomeration during deformation. 

The objective of the current study is to assess the 
impact of dissolved hydrogen on mechanical prop­
erties, measured in small material volumes, to 
ascertain the dominant degradation mechanism. 
Commercially pure Ni-201 h as been chosen for this 
investigation because it is a model system for 
structural materials such as nickel-based superal­
loys and austenitic stainless steels, and is suscep­
tible to hydrogen-induced intergranular fracture. 
Given these material attributes, the principal 
degradation mechanism can be identified based on 
material response to hydrogen charging and 
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deformation. For example, if HELP dominates, 
hardness would likely vary, due to enhanced dislo­
cation motion during plasticity, but dislocation 
cross-slip would be restricted. 11

•
12 Conversely, if 

REDE dominates, an overall decrease in bulk 
modulus (which is related to the cohesive energy) 
may be observed. Nanoindentation is an ideal 
method to probe orientation-dependent material 
response in the presence of hydrogen because it 
enables statistical analysis of properties measured 
with high fidelity in a small sampled area, and it 
has been used to investigate small-volume material 
behavior in a variet[ of hydrogenated face centered 
cubic (FCC) alloys. 1 - 15 Here, mechanical properties 
are measured with nanoindentation; elastic modu­
lus (related to bulk modulus by Poisson's ratio) and 
hardness are compared as a function of crystallo­
graphic orientation and hydrogen concentration. 

EXPERIMENTAL 

Nanoindentation experiments were conducted on 
Ni-2O1, a commercially pure nickel alloy, supplied 
by ATI Allegheny Ludlum. The only impurities 
above 10 wt ppm, as measured by glow discharge 
mass spectroscopy and instrumental gas analysis, 
are (in wt ppm): 630 Al, 550 Si, 130 C, 44 Fe, and 
27 Mg. The S concentration, which segregates to Ni 
grain boundaries and enhances degradation, 9 is 
particularly low (0.54 wt ppm). The as-received Ni-
2O1 plate was annealed at 1173 K for 1 h, resulting 
in a mean grain size of 1 mm. Specimens were 
prepared by standard metallographic procedures, 
concluding with a polish using 0.05-J.lm colloidal 
silica suspension. Electron backscatter diffraction 
(EBSD) orientation imaging was employed to deter­
mine grain orientations. Grains with near-(OO1), 
(101), and (111) orientations, as well as three grains 
with intermediate orientations, were identified for 
indentation; the three indented grains are labeled 
with approximate orientations in Fig. 1. Nanoin­
dentation measurements to determine mechanical 
properties were performed using a Nanoindenter 
XP equipped with a nominally 15O-nm-radius 
Berkovich probe. The same grains were indented 
in all four conditions so that no large-scale orienta­
tion variations affected the measurements. Stiff­
ness, modulus, and hardness values were obtained 
through dynamic indentation using the continuous 
stiffness module (CSM) at a frequency target of 
20 Hz , displacement target of 1 nm, and a 15OO-nm­
depth limit. Indents were arranged in 7 x 7 arrays 
( 49 indents), spaced 25 µm apart, ensuring no 
indent was affected by the plastic zone of a previous 
indent. All arrays were located well within the grain 
interior, but separated from each other by at least 
100 µm. 

Atomic hydrogen was dissolved into the Ni-2O1 
specimens by thermally charging in high-pressure 
hydrogen gas following a standard procedure 
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described elsewhere.12·16 Charging was conducted 
at elevated temperature to enhance hydrogen dif­
fusion, but temperatures were limited to avoid 
thermally-activated microstructural changes in the 
nickel. Samples were charged at a hydrogen gas 
pressure of 82 MPa and temperature of 4 73 K for 
280 h to achieve a hydrogen concentration of 
~ 2000 appm. Indentation was performed, following 
the method described previously, in the same grains 
as were indented in the as-received condition. 

The samples were then aged at room temperature 
for approximately 1 year and the same grains were 
indented following the aforementioned procedure. 
The diffusivity of \~~dro~en in Ni at room temper­
ature is DH ~ 10- 0 cm s- 1 (a root-mean-square 
diffusion distance, ./4J5i, of 3 mm) while the solu­
bility is only ~ 7 appm MPa- 11217 thus hydrogen in 
lattice interstitial sites would be expected to egress 
from the samples during the aging time. Con­
versely, hydrogen bound to trap sites, such as 
dislocations or vacancies, would be retained in the 
microstructure because trap sites are both abun­
dant17·18 and effectively immobile at ambient tem­
perature. For instance, vacancy diffusivity, 
D v ~ 10- 20 cm2 s- 1 ( ./4J5i = l µm), 19 multiple 
orders of magnitude smaller than D H. Finally, the 
samples were re-charged with hydrogen, at a pres­
sure of 62 MPa, temperature of 573 K, for 144 h , 
inducing a concentration of ~ 3000 appm. Nanoin­
dentation was conducted in the re-charged condi­
tion, following the above-mentioned procedure. 

Hydrogen thermal desorption spectra (TDS) were 
obtained in the temperature range 300-1000 Kat a 
constant heating rate of 6 K min - l by measuring 
the hydrogen partial pressure in the vacuum cham­
ber of a TDS apparatus. The base pressure in the 
apparatus was kept better than 10- 4 Pa. 

RESULTS AND DISCUSSION 

Hydrogen Content and Trapping 

The bulk hydrogen concentration in the hydro­
gen-charged samples was ~ 2000 and ~ 3300 appm 
in the re-charged samples, as measured by inert gas 
fusion analysis (IMR Test Labs, Portland, OR). 
Analysis of a similar sample charged with 
~ 2000 appm H and then aged for 2 years at room 
temperature detected a hydrogen concentration of 
~ 1000 appm. Hydrogen occupies octahedral inter­
stitial sites in the Ni lattice as well as trap sites, 
such as vacancies, dislocation cores, or grain bound­
aries. The measured decrease is likely associated 
with hydrogen egress from interstitial sites, which 
typically have lower binding energies for hydro­
gen.17 In fact, TDS analysis of a Ni-2O1 sample pre­
charged with 4000 appm hydrogen and then aged 
for 2 years indicates both a reduction in the total 
hydrogen content to approximately 2000 appm and 
a prominent peak at 700 K (Fig. 2), corresponding 
to hydrogen bound at trap sites .20 Based on these 
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Fig. 1. Inverse pole figure maps indicating grain orientations. Three grains selected for indentation are labeled with their approximated orien­
tations. All grain locations are marked on the inset stereographic triangle. 
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Fig. 2. Thermal desorption spectra of Ni-201 pre-charged with 
~ 4000 appm hydrogen then aged at room temperature for approxi­
mately 2 years, yielding ~ 2000 appm hydrogen. The peak marked at 
ca. 700 K indicates that most of the remaining hydrogen is trapped. 

data, we estimate that the aged samples contained 
at least 1000 appm hydrogen , primarily trapped, 
rath er than interstitial. 

Mechanical Prope rties 

Examples of nanoindentation load-displacement 
curves for the as-received, hydrogen-charged, aged, 
and re-charged conditions are hown in Fig. 3. 
Variation in indentation modulus can be identified 
by the dissimilarity in unloading slopes of the four 
curves. Table I summarizes the average elastic 
modulus and hardness for each ma terial condition; 
only values collected for indent depths greater than 
200 nm were analyzed to ensure depth-indepen­
dence, as described in Supplement 1. The modulus 

values measured for the as-received (001), (101), 
and (111) grains are highly anisotropic and similar 
to accepted literature values. 2 1 The values for the 
intermediate orientations fall within a reasonable 
range given their respective bounding orientations 
and anisotropy effects. Note that traditional inden­
tation contact mechanics analyses were developed 
for isotropic materials, but Vlassak and Nix22 have 
shown that the indentation modulus can be calcu­
lated for arbitrary anisotropic solids. Their formulae 
are employed here to derive theoretical indentation 
moduli, M , for the three primary grain orientations: 

M = 1.058/Jhkl (l ~ ,2) _ _ , (1) 
1 

1 otrop,c 

where the pre-factor 1.058 is a stiffness adjustment 
for tips with a triangular geom etry, E is the elastic 
modulus, 11 is Poisson 's ratio, and /Jhkl is a correction 
factor calculated by: 

(2) 

In Eq. 2, A is the anisotropy factor , and a, c, B , are 
constants determined from Poisson 's ratio in the 
cube directions. M has been calculated for each of 
the cube directions in Ni u sing tabulated values for 
elastic modulus21 (Table I). Measured elastic mod­
ulu values in the as-received condition differ from 
these calculated values by only 5%, indicating that 
comparing measured modulus values will provide 
a n accurate assessment of elastic property changes 
as a function of hydrogen charging. Note that some 
variability in m easured indentation modulus within 
a grain is expected due to minute real and apparent 
orientation gradients (e.g. , caused by fluctuating 
surface quality and near-surface defect densities). 



48 

80 

z 60 

.s 
"O 
ro 

__<3 40 

20 

H-charged 
m=1 .37 
R=0 .999 

Aged 1 year 
m=1 .26 
R=0 .997 

Re-charged 
m=1 .35 
R=0 .998 

0 ~ ~ ___J____j__il____J__~----'-------'------'-_..l___t_~L__J 

0 400 800 1200 1600 

Depth (nm) 

Fig. 3. Representative indentation load-depth curves reveal varia­
tion in unloading slope with hydrogen content, suggesting hydrogen 
alters elastic properties. Conversely , the similarity in initial loading 
slopes indicates minimal hardness variation with hydrogen content. 

Upon pre-charging with hydrogen, the indenta­
tion modulus in all six grain orientations decreases 
approximately 22%, while indentation hardness 
varies minimally (Table I). Indentation modulus 
partially recovers after aging at room temperature 
for approximately 1 year (Table I); the values 
increase by ~ 8% as compared to the hydrogen­
charged moduli. However, the aged modulus values 
are still ~ 11 % lower than the as-received moduli. 
Exposing the samples to a second thermal hydro­
gen-charging cycle drives the indentation modulus 
back down to values comparable with those mea­
sured after initial charging (~20% lower than as­
received moduli). 

While interstitial hydrogen contributes to the 
elastic property variation, partial recovery with 
aging indicates that it is not solely responsible. 
Rather, hydrogen trapped at defects , including 
hydrogen-induced defects, may drive the measured 
reduction in elastic modulus in the aged condition. 
Vacancy clusters are one such defect that can form 
during hydrogen charging and readily trap hydro­
gen. Positron annihilation spectroscopy investiga­
tions suggest that high pressure (5 GPa), high 
temperature ( 1123 K) hydrogen charging enhances 
formation of non-equilibrium "superabundant 

. " 23 24 d th t h d t b ·1· · vacancies ' an a y rogen s a 11zes stram-
. d d . io 2s 26 Wh"l h h m uce vacancies. ' ' 1 et e ydrogen charg-
ing conditions applied during this investigation are 
modest in comparison, it is likely that thermally­
induced vacancy formation is encouraged during the 
elevated-\~mperature charging cycle; Carr and 
McLellan calculated the vacancy concentration 
in hydrogen-charged Ni at 573 K to be about 21 
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times greater than that of pure Ni. Importantly, it is 
energetically favorable for vacancies to agglomerate 
an~ form V xHn vacancy-hydrogen complexes,28 

which can alter local electronic or atomic structure 
thereby changing the elastic properties measured 
during indentation of a material volume containing 
such complexes. 

The substantial modulus reduction detected after 
hydrogen charging (~ 22%) is similar in magnitude 
to the 21 % decrease in indentation modulus mea­
sured by Nibur et al. ,29 after thermally charging 
21Cr-6Ni-9Mn stainless steel. Similarly Barnoush 

13 ' and Vehoff reported a 28% decrease in the shear 
modulus of Ni that was cathodically charged in situ 
and indented. The authors of the latter paper 
attribute the decrease to a hydrogen-induced cohe­
sive energy reduction. Other published data have 
detected smaller hydrogen-induced reductions in 
elastic modulus30·31 and shear modulus.31 

In contrast, hardness variation with orientation 
and testing condition is subtler. Based on an 
empirical cumulative distribution analysis , a clear 
hydrogen-induced hardness change is only dis­
cernible in the (111) grain. In this case, hardness 
values for the charged, aged, and re-charged condi­
tions differ by only ~ 4%, but they are approximately 
20% lower than the as-received hardness. A slight 
decrease is detected between the hydrogen-affected 
conditions and the as-received condition for the 
(101) grain (though the trend is obscured by data 
variability), but no such change is observed for the 
(001) grain. In light of this, the hardness decrease 
may be the combined result of both recovery of the 
near-surface damage layer induced by sample 
preparation and plastic accommodation. The effect 
likely appears most pronounced· in the (111) grain 
due to the availability of multiple active slip sys­
tems along which dislocations may move. In a 
previous study, 12 the authors found that hardness 
measured by quasistatic nanoindentation was also 
insensitive to hydrogen concentration. Hydrogen 
charging extended the plastic zone formed around 
each indent and increased the spacing between slip 
steps, as a result of cross-slip restriction; the 
authors proposed that a larger plastic zone accom­
modated the enhanced dislocation motion suggested 
by the HELP theory. While the plastic zone length 
was not measured directly during the current study, 
it is probable that a similar dislocation accommo­
dation occurs in this case, limiting hardness varia­
tion with hydrogen content. 

SUMMARY 

Dynamic nanoindentation was used to assess 
hydrogen effects on mechanical properties in Ni-
201. Notably, a hysteresis in measured indentation 
modulus is observed when Ni is first hydrogen­
charged, then aged at room temperature, which 
depletes interstitial hydrogen, and re-charged once 
more. Hydrogen charging reduces the indentation 
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modulus by ~ 20%, aging at room temperature leads 
to limited recovery, but re-charging drives the 
modulus back down to values commensurate with 
the initial hydrogen-charged condition. This effect is 
linked to the significant trapped hydrogen content 
retained in the microstructure even after long-term 
room-temperature aging, despite the depletion of 
interstitial hydrogen. Thus, both interstitial hydro­
gen (when present) and hydrogen trapped in the 
defect structure induced by hydrogen-charging (pre­
sent even when interstitial hydrogen is depleted) 
likely change the local structure, leading to a 
measureable change in elastic properties as a 
function of hydrogen concentration. 
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